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Abstract
The geometric phase analysis (GPA) algorithm is known as a robust and straightforward technique that can
be used to measure lattice strains in high resolution transmission electron microscope (TEM) images. It is
also attractive for analysis of aberration-corrected scanning TEM (ac-STEM) images that resolve every atom
column, since it uses Fourier transforms and does not require real-space peak detection and assignment to
appropriate sublattices. Here it is demonstrated that in ac-STEM images of compound materials (i.e. with
more than one atom per unit cell) an additional phase is present in the Fourier transform. If the structure
changes from one area to another in the image (e.g. across an interface), the change in this additional phase
will appear as a strain in conventional GPA, even if there is no lattice strain. Strategies to avoid this pitfall
are outlined.
Keywords: Geometric phase analysis (GPA), Interfaces, Scanning transmission electron microscopy
(STEM), Strain
1. Introduction
Quantitative measurement of strain on the
nanometre scale is important for many materials
studies, and it is increasingly evident that many
interesting phenomena can only be understood
through knowledge of the structure at length scales
on or below the level of individual unit cells. The
strain associated with an interface is often of spe-
cial interest, both for an understanding of the way
the materials are produced [1] and for the function-
alities that result [2, 3, 4, 5, 6, 7]. In transmis-
sion electron microscopy (TEM), there are several
methods that can be used to make such a mea-
surement, including diffraction, holography and the
analysis of high resolution images that resolve the
crystal lattice, as compared recently by Béché et
al. [8]. Furthermore, in the case of high resolu-
tion TEM images, there are several different ap-
proaches [9], all with origins dating to the 1990s.
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These can be broadly classified into three differ-
ent types: direct measurement of interatomic dis-
tances in real space [10, 11], extraction of a lat-
tice by comparison to a template [9, 12] and anal-
ysis in Fourier space [13, 14]. Although they were
originally applied to conventional high resolution
TEM images [15, 16], they are increasingly being
applied to aberration corrected high-angle annular
dark field scanning mode (HAADF-STEM) images
[1, 17, 18, 19, 20, 21]. In principle, the lack of con-
trast reversal with specimen thickness or defocus
in such images makes them well-suited for strain
analysis. Furthermore, atomic resolution measure-
ments of strain and displacement can be combined
with atomic number (Z) contrast and simultane-
ous spectroscopy such as electron energy loss spec-
troscopy (EELS) or energy dispersive X-ray (EDX)
analysis to give a wealth of information. Strategies
to average, or remove, distortions [20] in HAADF-
STEM images are now available [22, 23], allowing
strain analysis to be employed with confidence on
these data-rich images. Nevertheless, when there is
more than one atom per unit cell, i.e. in images of
compound materials, complications can arise that
can compromise a strain analysis.
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Here, the implications of atomic resolution on
the Fourier space technique commonly known as
geometric phase analysis (GPA) [13], one on the
most widely used techniques. GPA is particularly
attractive for atomic resolution images with sev-
eral atoms per unit cell, since there is no need to
assign atomic columns and interatomic distances
to different sublattices, which must be done for
real space techniques. However, additional precau-
tions must be taken to minimise unwanted effects
from the microscope and specimen that can pro-
duce incorrect strains, particularly in TEM [15]. It
is shown here that additional artefacts often ap-
pear in GPA analyses of atomic resolution images,
particularly at interfaces of materials of different
structures, and these can be easily attributed to
a lattice strain that does not exist. To resolve this
problem, strategies to measure true strain maps are
presented. The problem is illustrated using two ex-
amples, an InGaAs-AlAsSb quantum cascade laser
and an SrRuO3-SrTiO3 (SRO-STO) interface, both
with aberration-corrected ADF-STEM experimen-
tal data and multislice simulations of strain-free
model structures.
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Figure 1: (a) and (b) show two different example structures
created as the sum of two peak types. (c) shows the fringes
from the lowest order Bragg spots of (a) (dotted blue) and
(b) (solid orange). The highlighted positions of the maxima
are different and do not correspond to any peaks in the origi-
nal structures, though they are closer to the higher intensity
peaks.
2. Theory
The core principal of GPA [13, 24] is based on the
concept of a local value Hg (r) of a Fourier compo-
nent associated with lattice fringes described by the
reciprocal lattice vector g. A digital image with in-
tensities that vary as a function of position, I (r)
can be expressed by a Fourier series, summed over
all reciprocal lattice vectors;
I (r) =
∑
g
Hg (r) exp (2piig · r), (1)
where the Fourier components, Hg (r), are given
by
Hg (r) = Ag (r) exp (iPg (r)) (2)
with Ag (r) as the (real) amplitude and Pg (r)
giving the locally varying phase. The particular
importance of this phase is that it describes the po-
sition of the lattice fringes and, by comparison to a
reference lattice fringes, can be used to calculate a
displacement field and strain in the image. In prac-
tice, the components H˜g (k) are extracted in Fourier
space by application of a mask (usually Gaussian)
around the reciprocal lattice point g. An inverse
Fourier transform yields Hg (r) and the phase of
the complex image is then calculated as
Pg (r) = Phase [Hg (r)]− 2pig · r = −2pig · u, (3)
where u is the displacement of the lattice fringes
from the reference planes given by g. Using the
measured phase, it is then trivial to calculate the
displacement u in the direction of g. By repeating
this process for a non-collinear g, the full displace-
ment field can be measured which is then differen-
tiated to get the strain [13].
An implicit assumption in this process is that the
change in phase for the lattice fringes g is simply
due to the displacement of the atoms in the mate-
rial. This is almost always correct when the reso-
lution of the image is only sufficient to resolve the
crystal lattice. Nevertheless, a high resolution im-
age should be considered a convolution of a lattice
(a mathematical array of points described by a 2D
Dirac comb function X = δ (r − pj), where pj are
vectors describing the lattice points) and a basis
image f (e.g. the image of a single atom, placed at
each lattice point):
I (r) =X⊗ f. (4)
2
Prior to aberration correction, the resolution of
many TEM or STEM images was sufficiently low
that the basis image was closely approximated by
a simple sine wave. However, at higher resolutions
the basis image f also contributes to Pg, i.e. the
phase obtained by GPA is no longer simply related
to the lattice displacement, but the convolution of
lattice and basis. From this point of view, it is
easy to see that if the basis image is represented
by a locally varying function, f (r), that changes
from one place to another (e.g. across an interface)
there will in general be a change in phase - even in
an image with an unchanging lattice.
This effect can be understood by considering a
high resolution image I (r), comprised of a lattice
convoluted with a basis image that contains two
atoms of different types. An equivalent description
is the sum of two images, each consisting of a lattice
convoluted with a basis image containing only one
atom. The image can then be described as the sum
of two sublattices, A and B, each represented by a
Fourier series:
I (r) =
∑
g
HAg exp (2piig · r)+∑
g
HBg exp (2piig · r) exp (2piig · v),
(5)
where the A lattice has been taken as the origin
and v is a vector describing the displacement be-
tween the sublattices. Assuming that the images of
the A atoms are identical to the images of the B
atoms, only differing in intensity, it can be written
that
HAg = αHg (6a)
HBg = βHg (6b)
where Hg (r) are the Fourier coefficients of a nor-
malised image of a monatomic crystal. Using this,
Eq. 5 can then be rewritten as a single Fourier
series
I (r) =
∑
g
Cg exp (2piig · r) exp (iφ) (7)
where
Cg = Hg
√
α2 + β2 + 2αβ cos (2pig · v) (8a)
tanφ = β sin (2pig · v)
α+ β cos (2pig · v) . (8b)
b
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Figure 2: (a) ADF-STEM image along the [110] axis of
In0.7Ga0.3As-AlAsSb layers. The overlay on the right high-
lights the structure and lattice planes in the image. (b) In-
tensity profile from the overlaid regions in (a), following the
direction of the arrow.
Note that Eq. 7 has exactly the same form as Eq.
1 but with an additional factor e(iφ) that is related
to the basis image. Thus, when applying GPA to a
high resolution image with multiple sublattices, the
calculated phase will be
Pg (r) = −2pig · u + φ. (9)
where there is the term φ (r) describing contri-
butions from the basis image in addition to the lat-
tice strain. Note that if the basis image does not
change as a function of position, φ simply adds a
constant phase across the whole image and has no
effect on the strain components obtained by differ-
entiating. It is readily apparent from Eq. 8b that
there are many possibilities for additional phase
shifts that can produce unwanted artefacts in strain
maps. The situation becomes more complicated
when applying GPA to atomic resolution images
with several sublattices A, B, C. . . when all parame-
ters change as a function of position, i.e. intensities
α (r), β (r), γ (r). . . and relative sublattice displace-
ments vB (r), vC (r). . . . Nevertheless, the phase
shift does not affect all g in the same way and it
can be possible to choose appropriate g such that a
true strain map can be obtained.
For a GPA map to show only strain, the addi-
tional phase φ must be zero. For a biatomic unit
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Figure 3: (a-c) εyy strain measured using the Bragg spots highlighted in the inset FFTs. (d) strain profiles from the boxed
regions in (a) (dashed black), (b) (solid orange) and (c) (dotted blue).
cell, inspection of Eq. 8 shows that this occurs when
g · v = n, (10)
where n is an integer (including zero). If this
is not the case, an additional phase shift will be
present and can appear as a false ‘strain’ parallel
to v with a magnitude proportional to g · v. In an
image with two sublattices, described by Eq. 8b, it
is easy to see that when the A sublattice is much
brighter (α  β), φ → 0 and the phase represents
the A lattice; conversely when α  β, φ → 2pig · v
and the phase is that of the B lattice. Simply put,
the sublattice with the larger amplitude has most
influence on the phase, as demonstrated in Fig. 1.
3. Experimental
All experimental images were taken using a dou-
ble CEOS aberration-corrected, Schottky emission
JEOL ARM-200F microscope operating at 200 kV.
Aberration corrections were applied to third or-
der and measured to fifth order [25, 26, 27]. In
STEM mode, a convergence semiangle of 22 mrad
was used with a JEOL ADF detector with inner and
outer collection semiangle of 45 and 180 mrad re-
spectively. To eliminate scan distortions, the spec-
imen was left until drift was less than 20 pms−1
and a series of up to 50 images was collected,
each with a short pixel dwell time (< 2ms). A
high quality image was obtained by aligning sub-
sequent images using normalised cross correlations
and then summing the complete series. GPA was
performed using a program developed in-house; all
basis directions for the strains are set the same
as the image bases. Simulations were performed
using clTEM, an open source, GPU accelerated
multislice program [28]. The simulation parame-
ters were matched to the microscope aberrations
as measured by the CEOS control software; ther-
mal diffuse scattering was modelled using the frozen
phonon method with 15 configurations [29].
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Figure 4: (a) Simulation of In0.7Ga0.3As-AlAsSb interfaces. (b-d) εyy strain measured using the Bragg spots highlighted in
the inset FFTs.
4. Results and discussion
4.1. InGaAs-AlAsSb interfaces
An ADF-STEM image of two interfaces in an epi-
taxial layer structure for a quantum cascade laser
is shown in Fig. 2(a). In this image, taken along
the [110] crystal axis, the group III and group V
atom columns are readily resolved as a ‘dumbbell’,
with the lower part corresponding to the group III
sublattice (A) and the upper part corresponding to
the group V sublattice (B). The displacement of
the two sublattices in this projection is v = 14 [001]
(there is also a displacement along the incident elec-
tron beam direction, which has no effect on the im-
age). The dark, horizontal, central band is a thin
AlAs0.8Sb0.2 layer, roughly 3 monolayers in thick-
ness, between In0.7Ga0.3As layers (top and bot-
tom). In such images one is often interested in the
ability to achieve the epitaxial design, and strain
measurement can be a crucial part of this assess-
ment. In this image, the relative intensities of the
sublattice A and B swap as shown in Fig. 2(b). The
occupancy of the A sublattice switches from In+Ga
(brighter) to Al (fainter), while the B sublattice
changes from As (fainter) to As+Sb (brighter).
Figure 2 has the characteristics of an image that
will contain phase shifts in Fourier components that
are caused by the basis image, rather than the lat-
tice. Figure 3(a) shows the εyy output of GPA per-
formed using Fig. 2(a), using the g = 002 and
g = 02¯2 spots. Since g ·v = 12 for g = 002, this com-
ponent is affected by the changes in the basis image.
There is an apparent strain of 10% at the interfaces
that does not agree with a visual inspection of the
image. Conversely, g · v = 0 for the g = 22¯0 and
it is insensitive to this effect. Naively, one might
hope that this issue may be overcome by avoiding
the g = 002 component and using, for example, the
g = 111-type Fourier components. Nevertheless,
in this case g · v = 14 . Therefore the g = 11¯1 and
g = 1¯11 spots are also expected to produce specious
strains at the interfaces, as is the case in Fig. 3(b).
The effect is much smaller since g · v is small, and
may be easily overlooked. A true strain map (Fig.
3(c)) is only obtained by choosing g-vectors that
obey Eq. 10, for example g = 004 and g = 22¯0.
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Figure 5: (a) ADF-STEM image of an STO-SRO interface,
as highlighted by the structure on the right along with the
lattice planes. (b) Intensity profile of the boxed regions in
(a) following the overlaid arrow.
This shows the true strain at the interface to be
only ∼ 1%.
It is apparent in Fig. 3 that there is some
real lattice strain that is combined with the arte-
fact produced by changes in basis image. In or-
der to demonstrate phase shifts without any lat-
tice strain, a similar procedure was performed on a
multislice-simulated ADF-STEM image of a strain-
free In0.7Ga0.3As AlAs0.8Sb0.2 model heterostruc-
ture (Fig. 4). The GPA maps use the same sets of
g-vectors as used in Fig. 3. The apparent strains at
the interfaces can be seen to have a similar sign and
magnitude as in the experimental images of Fig. 3,
although they are more visible (mainly because the
interface is perfectly abrupt) and are zero in Fig.
4(d)
4.2. STO-SRO interface
ABO3 perovskites are the focus of intense study
using aberration-corrected STEM [3, 30, 31], and as
a compound materials they also exhibit erroneous
strain when examined using GPA. This has on occa-
sion been interpreted as a real interfacial strain [18].
Most investigations to date have used ADF-STEM,
which is insensitive to the oxygen atoms, and so can
be considered to produce biatomic images. How-
ever, annular bright field (ABF-STEM) is increas-
ingly popular [32, 33, 34] since these images also
show oxygen atoms [35, 36]. In 〈100〉 ABF-STEM
images of such materials there are effectively four
sublattices, meaning that great care must be taken
in strain analysis. The analysis here is restricted to
the simple case of a [001] ADF-STEM image, with
only two sublattices related by v = 12 [110] (note
this choice of v is somewhat arbitrary since it can
be defined modulo any lattice vector). An interface
between STO (bottom) and SRO (top) is shown in
Fig. 5(a) and, although the Sr sublattice remains
constant across the interface, the A and B sublat-
tices show a form of inversion in the basis image as
ZTi < ZSr in STO while in SRO ZRu > ZSr.
In this case it is possible to produce artefacts that
appear as large shear strains (that are clearly un-
physical) as well as those that appear perpendicu-
lar to the interface. Figure 6(a) shows the axial and
shear GPA maps produced using the g = 100 and
g = 010 Fourier components, both of which give
g · v = 12 . Since this gives a basis image-induced
phase shift of pi, strong artefacts in a GPA strain
map are to be expected. Indeed, at the interfaces in
Fig. 6(a), strains greater than 20% are found both
in the εyy and εyx components. As before, such
artefacts can be avoided by choosing spots such as
g = 110 and g = 1¯10 that give g · v = 1 and zero
respectively 6(b). It is evident that there is in fact
minimal strain in the image (< 2%). Analysis of
a simulated image from a strain-free model struc-
ture produces the same results (Fig. 7) with strains
measured as zero in Fig. 7(c).
The strain artefacts shown in Figs. 4-7 have
been chosen to be large and easy to distinguish;
the changes in basis image are large and abrupt,
while g vectors were generally chosen to maximise
the additional phase shift φ. However this is not
always the case and the effect may be quite subtle.
In particular, it is important to note that the effect
will still be present even in cases where the relative
intensities of the sublattices do not reverse, For a
biatomic unit cell, it is quite clear that any change
in α or β in Eq. 8b will change φ, and this will
appear in a GPA map as a strain if inappropriate g
vectors are chosen.
It should be noted that the artefacts in strain
maps are as a result of extra information that need
not always be disregarded. For example, the rate
at which the basis image changes will provide a
phase shift that can be used to indicate the sharp-
ness of an interface. Alternatively, an indication of
sub unit-cell displacements (e.g. in ferroelectrics)
across a domain wall can be obtained, even if there
6
0.20
0.10
0.00
-0.10
-0.20 2 nm
a b
Figure 6: (a), (b) GPA strain maps for the εxx components and εyx components (lower insets) produced using the Bragg spots
highlighted in the upper inset.
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Figure 7: (a) Simulation of an STO-SRO interface. (b), (c) GPA strain maps from (a), showing the εxx components and εyx
components (lower insets). The inset FFTs show the Bragg spots used for the analysis.
is no lattice strain. With careful consideration of
what the Fourier components represent, it is pos-
sible to exploit this extra information, rather than
be inhibited by it.
5. Summary
It has been shown that in atomically resolved im-
ages, one must take care to distinguish changes in
the lattice from those in the basis image. Lattice
strain, changes in relative intensity of sublattices
and sub unit cell displacements all produce phase
shifts in Fourier components. In several cases rep-
resented here the phase shifts are large and should
be obvious as artefacts (e.g. a 20% shear strain con-
fined to sub-nm dimensions should be perceivable
by eye). However, in others they are quite sub-
tle and could easily be mistaken for real interfacial
strains (e.g. analysis of 〈110〉 III-V semiconductor
images using 111-type g vectors). In images with
two sublattices, the problem can be avoided by only
using g-vectors which satisfy the rule g ·v, where n
is an integer.
Acknowledgements
J. J. P. Peters acknowledges EPSRC funding
through a doctoral training grant. Thanks are due
to S. R. Marks for help with proofreading.
References
References
[1] J. Nicolai, C. Gatel, B. Warot-Fonrose, R. Teissier,
A. N. Baranov, C. Magen, A. Ponchet, Elastic strains at
interfaces in InAs/AlSb multilayer structures for quan-
tum cascade lasers, Applied Physics Letters 104 (2014)
031907.
[2] S. P. Wilks, Engineering and investigating the con-
trol of semiconductor surfaces and interfaces, Journal
of Physics D: Applied Physics 35 (2002) R77–R90.
[3] H. Y. Hwang, Y. Iwasa, M. Kawasaki, B. Keimer,
N. Nagaosa, Y. Tokura, Emergent phenomena at ox-
ide interfaces, Nature Materials 11 (2012) 103–113.
7
[4] X. Peng, F. Tang, P. Logan, Band structure of Si/Ge
core-shell nanowires along the [110] direction modulated
by external uniaxial strain, Journal of physics. Con-
densed matter 23 (2011) 115502.
[5] E. Bellingeri, I. Pallecchi, R. Buzio, A. Gerbi, D. Marrè,
M. R. Cimberle, M. Tropeano, M. Putti, A. Palenzona,
C. Ferdeghini, Tc=21 K in epitaxial FeSe0.5Te0.5 thin
films with biaxial compressive strain, Applied Physics
Letters 96 (2010) 102512.
[6] S. X. Huang, C. L. Chien, V. Thampy, C. Broholm,
Control of tetrahedral coordination and superconduc-
tivity in FeSe0.5Te0.5 thin films, Physical Review Let-
ters 104 (2010) 217002.
[7] Y. S. Kim, D. J. Kim, T. H. Kim, T. W. Noh, J. S.
Choi, B. H. Park, J. G. Yoon, Observation of room-
temperature ferroelectricity in tetragonal strontium ti-
tanate thin films on SrTiO3 (001) substrates, Applied
Physics Letters 91 (2007) 2005–2008.
[8] A. Béché, J. L. Rouvière, J. P. Barnes, D. Cooper,
Strain measurement at the nanoscale: Comparison be-
tween convergent beam electron diffraction, nano-beam
electron diffraction, high resolution imaging and dark
field electron holography, Ultramicroscopy 131 (2013)
10–23.
[9] J.-M. Zuo, A. B. Shah, H. Kim, Y. Meng, W. Gao, J.-L.
Rouviére, Lattice and strain analysis of atomic resolu-
tion Z-contrast images based on template matching.,
Ultramicroscopy 136 (2014) 50–60.
[10] R. Bierwolf, M. Hohenstein, F. Phillip, O. Brandt, G. E.
Crook, K. Ploog, Direct measurement of local lattice
distortions in strained layer structures by HREM, Ul-
tramicroscopy 49 (1993) 273–285.
[11] P. Galindo, S. Kret, A. M. Sanchez, J.-Y. Laval,
A. Yáñez, J. Pizarro, E. Guerrero, T. Ben, S. Molina,
The Peak Pairs algorithm for strain mapping from
HRTEM images., Ultramicroscopy 107 (2007) 1186–
1193.
[12] K. Du, Y. Rau, N. Y. Jin-Phillipp, F. Phillipp, Lattice
distortion analysis directly from high resolution trans-
mission electron microscopy images – the LADIA pro-
gram package, Journal of Materials Science and Tech-
nology. 18 (2002) 135.
[13] M. Hÿtch, E. Snoeck, R. Kilaas, Quantitative measure-
ment of displacement and strain fields from HREM mi-
crographs, Ultramicroscopy 74 (1998) 131–146.
[14] D. Stenkamp, W. Jager, Compositional and structural
characterization of sixge1−x alloys and heterostructures
by high-resolution transmission electron microscopy,
Ultramicroscopy 50 (1993) 321–354.
[15] M. J. Hÿtch, T. Plamann, Imaging conditions for
reliable measurement of displacement and strain in
high-resolution electron microscopy, Ultramicroscopy
87 (2001) 199–212.
[16] M. J. Hÿtch, Analysis of variations in structure from
high resolution electron microscope images by combin-
ing real space and fourier space information, Microscopy
Microanalysis Microstructures 8 (1997) 41–57.
[17] K. Mahalingam, H. J. Haugan, G. J. Brown, K. G.
Eyink, Quantitative analysis of interfacial strain
in InAs/GaSb superlattices by aberration-corrected
HRTEM and HAADF-STEM, Ultramicroscopy 127
(2013) 70–75.
[18] Y. Zhu, C. Ophus, J. Ciston, H. Wang, Interface lat-
tice displacement measurement to 1 pm by geometric
phase analysis on aberration-corrected HAADF STEM
images, Acta Materialia 61 (2013) 5646–5663.
[19] A. M. Sanchez, P. L. Galindo, S. Kret, M. Falke,
R. Beanland, P. J. Goodhew, Quantitative strain map-
ping applied to aberration–corrected HAADF images,
Microscopy and microanalysis 12 (2006) 285–294.
[20] A. M. Sanchez, P. L. Galindo, S. Kret, M. Falke,
R. Beanland, P. J. Goodhew, An approach to the
systematic distortion correction in aberration-corrected
HAADF images, Journal of Microscopy 221 (2006) 1–7.
[21] A. A. Oni, X. Sang, S. V. Raju, S. Dumpala, S. Brod-
erick, A. Kumar, S. Sinnott, S. Saxena, K. Rajan,
J. M. LeBeau, Large area strain analysis using scan-
ning transmission electron microscopy across multiple
images, Applied Physics Letters 106.
[22] X. Sang, J. M. LeBeau, Revolving scanning transmis-
sion electron microscopy: Correcting sample drift dis-
tortion without prior knowledge, Ultramicroscopy 138
(2014) 28–35.
[23] L. Jones, P. D. Nellist, Identifying and correcting scan
noise and drift in the scanning transmission electron
microscope, Microscopy and Microanalysis 19 (2013)
1050–1060.
[24] J. L. Rouvière, E. Sarigiannidou, Theoretical dis-
cussions on the geometrical phase analysis, Ultrami-
croscopy 106 (2005) 1–17.
[25] S. Haigh, L. Y. Chang, A. I. Kirkland, Journal of
physics: Conference series 126 (2008) 012042.
[26] O. L. Krivanek, G. J. Corbin, N. Dellby, B. F. El-
ston, R. J. Keyse, M. F. Murfitt, C. S. Own, Z. S. Szi-
lagyi, J. W. Woodruff, An electron microscope for the
aberration-corrected era, Ultramicroscopy 108 (2008)
179–195.
[27] L. Y. Chang, A. I. Kirkland, J. M. Titchmarsh, On
the importance of fifth-order spherical aberration for
a fully corrected electron microscope, Ultramicroscopy
106 (2006) 301–306.
[28] M. A. Dyson, clTEM: OpenCL TEM/STEM simulation
code (2014).
URL github.com/ADyson/clTEM
[29] E. J. Kirkland, Advanced Computing in Electron Mi-
croscopy, 2nd Edition, Springer, New York, 2010.
[30] M. Varela, A. R. Lupini, K. V. Benthem, A. Y. Bori-
sevich, M. F. Chisholm, N. Shibata, E. Abe, S. J. Pen-
nycook, Materials characterization in the aberration-
corrected scanning transmission electron microscope,
Annual Review of Materials Research 35 (2005) 539–
569.
[31] D. Park, A. Herpers, T. Menke, M. Heidelmann,
L. Houben, R. Dittmann, J. Mayer, Studies of lo-
cal structural distortions in strained ultrathin BaTiO3
films using scanning transmission electron microscopy,
Microscopy and Microanalysis 20 (2014) 740–747.
[32] S. D. Findlay, Y. Kohno, L. A. Cardamone, Y. Ikuhara,
N. Shibata, Enhanced light element imaging in atomic
resolution scanning transmission electron microscopy,
Ultramicroscopy 136 (2014) 31–41.
[33] E. Okunishi, H. Sawada, Y. Kondo, Experimental study
of annular bright field (ABF) imaging using aberration-
corrected scanning transmission electron microscopy
(STEM), Micron 43 (2012) 538–544.
[34] R. Huang, H. C. Ding, W. I. Liang, Y. C. Gao, X. D.
Tang, Q. He, C. G. Duan, Z. Zhu, J. Chu, C. A. J.
Fisher, T. Hirayama, Y. Ikuhara, Y. H. Chu, Atomic-
scale visualization of polarization pinning and relax-
ation at coherent BiFeO3/LaAlO3 interfaces, Advanced
8
Functional Materials 24 (2014) 793–799.
[35] R. Aso, D. Kan, Y. Shimakawa, H. Kurata, Control
of structural distortions in transition-metal oxide films
through oxygen displacement at the heterointerface,
Advanced Functional Materials 24 (2014) 5177–5184.
[36] W. Dachraoui, J. Hadermann, A. M. Abakumov,
A. A. Tsirlin, D. Batuk, K. Glazyrin, C. McCam-
mon, L. Dubrovinsky, G. Van Tendeloo, Local oxygen-
vacancy ordering and twinned octahedral tilting pattern
in the Bi0.81Pb0.19FeO2.905 cubic perovskite, Chem-
istry of Materials 24 (2012) 1378–1385.
9
